An experimental investigation was performed to study the rate at which strength-controlling fatigue damage evolves in a ceramic-matrix composite. Tensile specimens of a unidirectional SiC-fiber-reinforced calcium aluminosilicate matrix composite were cycled to failure or to a preselected number of cycles under similar loading histories. The residual strength of the precycled specimens was found to be similar to that of virgin specimens. Microstructural investigations showed that the fracture surfaces of the specimens cycled to failure had a central region where fiber pullout was negligible. It is proposed that frictional heating (due to interfacial sliding) is the cause of fatigue failure. High interfacial temperatures are assumed to cause the formation of a strong interface bond, leading to internal embrittlement.
I. Introduction
B ECAUSE of their damage-tolerant behavior, ceramic-matrix composites (CMCs) have the potential for use in hightemperature load-carrying components, such as turbine blades or heat exchangers. Before CMCs can be used in such applications, their long-term behavior under complex combinations of loads, temperatures, and environments must be understood. 1 The monotonic stress-strain behavior of unidirectional composites has been studied extensively at room temperature. [2] [3] [4] The underlying damage mechanisms have been identified as the initiation and growth of multiple matrix cracks. The matrix cracks are bridged by intact fibers, with debonding and sliding occurring at the fiber/matrix interface. Composite failure occurs when the fibers fail. This distinction between matrix cracking and composite fracture provides damage-tolerant behavior; that is attractive from an engineering point of view. Models have been developed to describe these mechanisms. [5] [6] [7] [8] The models predict that in order to have a damage-tolerant behavior, the interface bonding and sliding resistance must be sufficiently low, such that interfacial sliding can readily take place.
The stress-strain behavior of CMCs at high temperature may differ from the behavior observed at room temperature, since creep and oxidation damage may occur. 9 -11 If oxidation occurs at the fiber/matrix interface, an interphase with strong bonding may form. 10, 12, 13 This hinders interfacial sliding, resulting in a loss of damage-tolerant behavior; the composite then fails in a brittle manner.
Most experimental studies of CMCs subjected to cyclic loading have been conducted at room temperature. 2,14 -19 Typically, the composite stiffness decreases rapidly in the early cycles, reaching a minimum within 10 3 -10 5 cycles. 15, 17 The number of cycles to failure may be significantly higher than the number of cycles at which the modulus reaches a minimum. 17 Damage evolution during cyclic loading has been found to be similar to that found for monotonic tension (multiple matrix cracking, fiber/matrix debonding and sliding). In addition, during cyclic loading, repeated forward and reverse slip can occur at the fiber/matrix interface. Macroscopically, this slip results in hysteresis in the stress-strain behavior and a temperature rise of the specimens (frictional heating 16, 17, 20 ) . At the microscale, cyclic slip may result in interfacial wear, 17, 19, 21 lowering the interfacial frictional sliding shear stress, . It has been proposed that a decrease in the interfacial shear stress may decrease the composite strength and cause fatigue failure. 19 For instance, for 2D SiC/SiC, Rouby and Reynaud 19 found a fatigue limit (maximum allowable stress, max giving run-out) at 2.5 ϫ 10 5 cycles, which corresponded nicely with predictions based on a decrease in . In their study, fatigue failures all occurred within 2 ϫ 10 4 cycles. This is consistent with the decrease in , which occurs within a low number of cycles. Thus, for high stresses, a mechanism for low cycle fatigue failure appears to be the cyclic-induced decrease in . However, for other CMCs, the number of cycles to failure can exceed by orders of magnitude the number of cycles at which the interfacial shear stress reaches a minimum value. 17, 20, 22 This disparity suggests that additional fatigue damage mechanisms exist.
Experimental fatigue studies conducted at high temperature have shown that embrittlement due to oxidation damage of the interphase layer may be the most severe problem. 10, [23] [24] [25] [26] found that the life of cyclically loaded SCS-6 SiC f /Si 3 N 4 specimens at 1200°C was shorter than the creep life. The fatigue life decreased with decreasing stress ratio. This provides clear evidence of a high-temperature fatigue-life controlling mechanism. Thus, fatigue interactions with oxidation and creep are damage mechanisms that must be understood.
Fatigue failure occurs when the residual strength of the composite, u , has decreased to the maximum applied cyclic stress, max . It is the aim of the present study to investigate the rate at which the strength-controlling damage evolves in a CMC during high cycle fatigue at room temperature. The experimental approach is straightforward. The tensile strength of virgin and prefatigued specimens is determined experimentally. Other specimens are cycled under similar conditions until fatigue failure occurs. Then, a diagram of composite strength as a function of number of load cycles can be constructed.
II. Experimental Methods

(1) Specimen Preparation
The material used in this study was an 8-ply unidirectional Nicalon SiC-fiber-reinforced calcium aluminosilicate composite, denoted SiC f /CAS II, from Corning Inc. The nominal fiber volume fraction was 35-40%. The composite was processed by hot pressing. During processing, an approximately 0.1 m thick carbon-rich interphase layer developed around the SiC fibers 12, 13 (The thickness of the carbon layer, which depends on processing conditions, was not measured in the present study.) The carboninterphase layer is known to enable debonding and frictional sliding along the interfaces. The fiber diameters were in the range of 10 -20 m.
Edge-loaded tensile specimens, 28 with the tensile direction parallel with the fiber direction, were cut from rectangular plates. A minor face of each specimen was polished to allow the matrix crack spacing to be measured. The polishing was performed using a 38 mm mandrel rotating at 1500 rpm. The following polishing procedure was used: (1) 600-grit SiC paper for 5 min, (2) 45 m diamond paste for 5 min (nylon cloth), (3) 6 m diamond paste for 5 min (nylon cloth), (4) 1.0 m diamond paste for 10 min (nylon cloth).
(2) Mechanical Testing
Four specimens were loaded in monotonic uniaxial tension (the loading rate was 100 MPa/s) to establish the stiffness and strength of the virgin material. Four other specimens were cycled under identical conditions ( max ϭ 240 MPa, min ϭ 10 MPa, 200 Hz) until fatigue failure occurred. Four additional specimens were cycled under the same conditions, but for only 10 5 cycles, which was slightly lower than the number of cycles to failure found for the previous samples. These specimens were then loaded in monotonic tension (100 MPa/s) in order to measure the residual strength of the composite after 10 5 cycles. All fatigue experiments were conducted on a MTS servohydraulic test frame (Model No. 331, MTS Systems Corp., Minneapolis, MN). The fatigue tests were performed inside a 0.1 m 3 watercooled chamber, where the temperature of the walls and grips was kept constant at 22.0 Ϯ 0.1°C (see Holmes and Cho 17 for details). The temperature rise of the specimen surface (caused by frictional heating) was measured with an infrared pyrometer (Model No. 5402, Everest Interscience Inc., Fullerton, CA), focused at a 5 mm spot size within the specimen gauge section. In order to achieve stable temperature conditions, the chamber temperature was allowed to stabilize for at least 2 h before the fatigue tests were started. The axial strain data were measured with an extensometer (Model 632.27B-20, MTS System Corp.) with a 33 mm gauge length. For the cyclic tests, the extensometer was mounted along a specimen edge by O-rings and fixed to the specimen with Super-Glue. Stress-strain data were recorded at regular intervals, and from these data the hysteresis modulus (averaged over one cycle) was calculated as a function of the number of load cycles.
The specimens were cycled between min ϭ 10 MPa and max ϭ 240 MPa with a sinusoidal waveform at a frequency of 200 Hz. In order to prevent overshooting during the first few load cycles, the load span was increased (linearly with time) from zero to the maximum stress within 0.8 s.
(3) Microstructural Characterization
After the tensile or fatigue tests, the average matrix crack spacing was measured at the polished face by optical microscopy (prior work had shown that well-developed surface cracks typically span the entire cross section of a specimen), as follows: The number of cracks was counted along 20 -30 mm long lines parallel with the fiber direction. Usually more than 300 cracks were counted. All measurements were taken away from the localized region associated with the fracture surface. Fracture surfaces were inspected with optical and environmental scanning electron microscopes (Model E-3, ElectroScan Corp., Wilmington, MA). In order to observe debris at the fracture surfaces, the specimens were neither cleaned nor coated before being investigated. Finally, using a conventional scanning electron microscope, overview pictures were taken of gold-coated fracture surfaces.
III. Results and Discussion
(1) Monotonic Tensile Tests of Virgin Specimens
Typical stress-strain curves for the virgin material are shown in Fig. 1 . The shape of the stress-strain curves is typical of damagetolerant CMCs. 3, 4, 17 The shape reflects elastic response at low strain (stage I), multiple matrix cracking (stage II), large-scale interfacial slip along the interfaces of intact fibers (stage III), and distributed fiber failures (stage IV) prior to localization of damage. Some characteristic parameters of the virgin composite are summarized in Table I . E c is the elastic modulus within the first linear portion of the stress-strain curve, 0.02 is the stress level where the axial strain, ε, deviates 0.02% from linear elasticity (note that matrix cracks develop below 0.02 3,4 ), u and ε u are the failure stress and strain, respectively, and s is the average matrix crack spacing measured after the tensile test. The fiber volume fraction, v f , was calculated by the rule of mixtures, utilizing a Young's modulus of 200 and 98 GPa, respectively, for the fibers and matrix. 3, 4 A similar value of v f was found by the area fraction method (i.e., by using micrographs to estimate the cross-sectional area fraction of fibers).
For all specimens, the fracture was located within the gage section. The fracture surface was macroscopically flat, but displayed considerable fiber pull-out (Fig. 2 ). In the region near the fracture surface, the matrix cracks were opened significantly more than at locations distant to the fracture site. This enhanced crack opening is assumed to have occurred by fibers that had broken and subsequently pulled out. Thus, the length of this localization zone, L (Table I) , is an indirect measure of the interfacial sliding shear stress.
(2) Specimens Cycled to Failure
The shape of the cyclic stress-strain curves changed during cycling. These changes were accompanied by the development of a permanent offset strain, ε*, and an increase in the surface temperature, ⌬T, of the specimen (due to frictional energy dissipation).
The hysteresis modulus, E , was calculated from the stress-strain data. Figure 3 (a) shows how E changes as a function of the number of cycles N for specimens that were cycled to failure. The evolution of E for all four specimens follows the same trend: The modulus decreases significantly, to about 87 GPa within approximately 2 ϫ 10 5 cycles. Thereafter E remains nearly constant (a slight modulus recovery, about 1 GPa, was found for two of the specimens).
Values for the characteristic parameters are listed in Table II . Note that the values of E and ε* are the values that were measured just before localization occurred; s was measured away from the localized region after fatigue failure. These parameters can thus be used in micromechanical models, which are based on intact fibers.
Figure 3(b) shows the temperature rise curves recorded for the specimens cycled to failure. For these specimens fatigue failure occurred outside the 5 mm spot size of the infrared pyrometer. The heating curves follow the same trend; they increased slowly within the first 10 4 cycles, but increased rapidly during additional cycling. This rapid increase is attributed to an increasing number of matrix cracks and accompanying slip zones. The peak temperatures of the four specimens differ somewhat. This difference is attributed to the fact that the specimens fail at different numbers of cycles, while the temperature is increasing. If they had failed at the same number of cycles, the maximum temperature rise of each specimen likely would have been roughly the same. For specimens that failed within the spot size of the pyrometer a very rapid temperature rise occurred within the last few seconds before failure.
The fracture surfaces of the specimens cycled to failure had two distinctively different regions. One part of the fracture surface displayed fiber pull-out, while the other area had no fiber pull-out (Fig. 4) . The area without fiber pull-out was located in the core of the specimen cross section; fiber pull-out was always present in a region near the specimen edges. This appearance is opposite to that found at the fracture surfaces of specimens that have been exposed to external oxidation. 11 The appearance of the fracture surface ( Fig. 4(a) ) suggests that the center region failed before final overload of the remainder cross section. At some locations (within the core region with no fiber pull-out) significant debris was present (Fig. 4(b) ). Like the fracture surface, the broad faces of the specimens were found to have an inhomogeneous appearance. Along the sides of the specimens there were zones with larger matrix crack openings (Fig. 5) . The length (in the fiber direction) of this localized zone, L, was about 6 -10 times the matrix crack spacing. This is considerably larger than the localized zone found after monotonically loading virgin specimens to failure (see Table I ). The larger L of the cyclically loaded specimens indicates a lower value of . In contrast, in the middle of the broad face (where the core region was close to the surface), there was no such localized zone; the matrix crack opening was similar to that remote from the fracture site. This indicates that no global load sharing and no fiber pull-out had taken place near the core region during specimen failure. cycling, the specimens had a permanent strain, ε*. The average matrix crack spacing was measured after cycling and after the tensile tests (Table III) . E was measured from the stress-strain data (0 -0.2% axial strain) obtained from the residual strength test, and the interfacial shear stress was calculated from models 29 -31 using the approach described in the Appendix. The value of at 10 5 cycles (6 MPa) is roughly similar to the value derived from frictional heating experiments, 17, 22 but significantly lower than the value for the virgin composite, which is typically about 20 -30 MPa. 17, [32] [33] [34] This confirms the hypothesis that decreases during cycling (note, however, that may be velocity dependent 34, 35 ). A typical tensile curve for a specimen cycled to 10 5 cycles is plotted in Fig. 6 , together with a stress-strain curve for the virgin material. In order to obtain a true comparison, the strain value of the prefatigued specimen is offset by a value ε*, which is the permanent strain that was recorded at the unloaded state after cycling. While the monotonic tensile curve of the virgin specimen exhibits linear elastic behavior at low applied stress, the tensile curve of the prefatigued specimen is nonlinear even at low loads. This nonlinearity is attributed to the fact that the precycled specimens possess significant damage (distributed matrix cracking and interfacial debonding) prior to the tensile test, while the virgin material is free of damage. Beyond 400 MPa (assumed to be the stress level corresponding to matrix crack saturation) the two curves follow each other closely. This indicates that the damage states of the virgin and precycled specimens are very similar at these stress levels. Indeed, the average matrix crack spacing was 154 Ϯ 10 m for the virgin specimens (after the tension test) and 156 Ϯ 10 m for the specimens cycled to 10 5 cycles (after cycling), and 112 Ϯ 10 m after the residual strength tests. The residual strength of the prefatigued specimens was 491 Ϯ 13 MPa (Table III) . Thus, both the matrix crack spacing and the composite strength of the prefatigued specimens were fairly similar to those of the virgin specimens.
The fracture surface of the prefatigued specimens had a large amount of fiber pull-out (see Fig. 7 ). Unlike the specimens cycled to failure, the prefatigued specimens showed fiber pull-out over the entire fracture surface. The pull-out length of the precycled specimens is significantly longer than for the virgin specimens (compare Figs. 2 and 7) . The length of the localized zone, L, was also longer than for the virgin specimens. Both of these results 6 . Comparison between the stress-strain behavior of a virgin specimen and the tensile curve of a precycled specimen. The stress-strain curve of the precycled specimen is offset by the permanent strain, ε*, that was recorded at zero load after cycling. The two curves are very similar for stresses above the matrix crack saturation of the virgin specimen.
suggest that was lower for the precycled specimens than for the virgin material.
(4) Model Prediction of Residual Strength
Existing models for composite strength predict that a decrease in should result in a decrease in the residual strength. 8, 19 These models are valid only if global load sharing (GLS) takes place; this requirement is fulfilled for specimens where fiber pull-out occurs across the entire fracture surface and the fiber pull-out length varies from one fiber to the next. These assumptions are fulfilled for the virgin specimens and the specimens cycled to 10 5 cycles. GLS models predict that the residual strength after N cycles, u (N), is related to the initial composite strength, u 0 , as
(1) where 0 is the initial value of , (N) is the value attained after N cycles, and m is the Weibull modulus describing the strength variation of the fibers (in Eq. (1) the fiber strength is assumed to remain unchanged during cycling). Equation (1) Table  II ). This inconsistency indicates that a decrease in the interfacial shear stress, acting alone, may not have the effect predicted by the GLS models, and that the models do not adequately describe the high cycle fatigue failure of CMCs.
(5) Residual Strength as a Function of Cycles
From the measured strength values a graph that shows the residual strength of the composite as a function of the number of cycles can be constructed. The four specimens that were cycled to failure are also included in this graph, since the residual strength of these specimens must have been equal to max (i.e., 240 MPa) when they failed. The results are presented in Fig. 8 . As already mentioned the residual strength of the specimens cycled for 10 5 cycles was almost the same as that measured for the virgin specimens. From Fig. 8 , we conclude that the loss of composite strength does not occur gradually over the fatigue life; rather, for this unidirectional composite, the loss of residual strength of the composite occurs within the last 20% of the specimen lifetime.
It should be noted that although the present results are obtained at specific test conditions, similar results have been found under different conditions. 36 Therefore, the trends of the results are likely to be of a general nature.
IV. A Possible High Cycle Fatigue Damage Mechanism (1) Summary of Observed Behavior
There are several characteristic features of the high-frequency fatigue process:
(1) The temperature of the specimen increases during the initial stages of fatigue. Next, it levels off and, for long-duration fatigue at moderate stress levels, decreases. If failure is avoided, the shape of the temperature rise curve is often bell shaped. If failure occurs, a sharp rise in temperature occurs within the localized zone immediately prior to fracture (typically of the order of several seconds).
(2) The density of matrix cracks increases rapidly during the initial stages of fatigue. For a fixed maximum stress, this crack density quickly stabilizes and remains constant for the duration of the fatigue life. The development of matrix cracks is assumed to be influenced by stress corrosion cracking 37 and decrease in due to interfacial wear. 17 (3) The hysteresis modulus decreases rapidly during the initial stages of fatigue, reaches an approximate plateau, and, if failure is avoided, may show a gradual increase. The initial modulus decrease is attributed to the formation of matrix cracks and a decrease in ; the later modulus recovery is likely to be caused by an increase in . The increase in may be caused by various mechanisms, such as accumulation of debris along the interface or a chemical reaction, increasing the interfacial sliding resistance or bonding.
(4) A unique feature of high cycle fatigue failure is the formation of a central zone where the fiber pull-out lengths are negligible. Surrounding this zone, which consumes roughly half of the fracture surface, is a zone of extensive fiber pull-out. Specimens that were prefatigued at the same stress level, followed by monotonic loading to failure, exhibited extensive fiber pull-out throughout the entire fracture surface. Virgin specimens tested under monotonic tension also exhibited nearly uniform fiber pull-out across the entire fracture surface.
(2) Interpretation of Fracture Surface and Failure Mode
Since the fracture surface of the prefatigued specimens exhibited extensive fiber pull-out, the central core (in specimens cycled to failure) must have formed very rapidly just prior to specimen fracture (between 10 5 cycles and the occurrence of fatigue failure). To understand the development of the core region, we must identify a mechanism that can form a region with no fiber pull-out within a short number of cycles. Apparently the final stage (localization) is not cycle count dependent but damage and temperature rise dependent.
The lack of fiber pull-out in the core region indicates that the usual composite behavior (interfacial slip) has been hindered, 
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either by an increase in the interfacial shear stress or by the formation of strong interface bonding. If global load sharing cannot occur, the composite behaves like a brittle material in the core; matrix cracking can penetrate the fibers. But why has the damage developed differently in the center of the cross section than at the edges? The answer is not obvious, since for 1D composites the macroscopic stress state (uniaxial tension) does not vary across the cross section. Other parameters may vary across the cross section, such as humidity, oxygen concentration, and temperature field. The latter may vary across the specimen cross section, since energy is lost at the surface by radiation and convection. Assume that the interfacial shear stress can increase or a strong bonding can form with increasing temperature and time. Next, imagine a situation where composite cross section (in the localized region) consists of three domains (see Fig. 9 ): The core area (domain I), in which the fibers are broken (initially, there may be no broken fibers in domain I; it may start from a crack in a matrix-rich region). Outside the core area is a transition zone (domain II) where the stresses at the fibers are now higher than the nominal value, since there is local load sharing (stress concentration), and domain III, where intact fibers experience global load sharing due to a lower value of .
Fatigue damage may evolve as follows. During cyclic loading the energy dissipation is highest in domain II, near the fibers located at the edge of domain I (at this location the fibers experience the highest stress concentration). If the resulting temperature rise is sufficiently high, then after some time interfacial slip may be hindered and the fibers in the vicinity of domain I fail, transferring more stress on the surviving fibers in domain II. These fibers are now subjected to the highest stresses and temperature. In this manner, domain I can extend across the cross section of the specimen; the mechanism is self-sustaining. The composite fails when the remaining cross section cannot carry the maximum applied load. Then the fracture surface will show an interior region with no fiber pull-out (corresponding to domain I), a transition region with short fiber pull-out lengths (domain II), and an exterior region displaying usual fiber pull-out (note that shorter fiber pull-out lengths reflect a higher interfacial shear stress 8 ). The predicted appearance of the fracture surface is consistent with the observations in Figs. 4 and 5 .
It is plausible that it may take a certain temperature and time before the interface damage reaches the critical state, where fiber slip can no longer occur. Thus, in the initial stages, fatigue damage may increase slowly, without causing fiber failures.
The fatigue mechanism postulated above may in principle explain the following experimental observations:
(1) A larger stress range and higher loading frequency shorten the fatigue life of CMCs with weakly bonded interfaces. 20, 38 This may be understood in terms of the local temperature at the fiber/matrix interface, which may scale roughly with the energy dissipation. 22 Both a larger stress range and a higher loading frequency increase the frictional energy dissipation (per unit time), resulting in a higher temperature rise. This may accelerate the increase in , and shorten the fatigue life.
(2) It has been found that thicker (32 ply) test specimens possess a lower fatigue life than thinner (8-ply) specimens. 39 The proposed fatigue mechanism indicates that the occurrence of fatigue failure will depend on geometry and the thermal boundary conditions. It is likely that, for identical loading conditions, thicker specimens possess a higher temperature rise in the center of the cross section than thinner specimens; temperature-induced damage is likely to progress at a faster rate.
(4) Temperature-Driven Interface Changes
The scenario described above is based on the assumption that the interfacial shear stress or bond decreases initially but then increases with increasing temperature and time. There may be several causes for changes in interfacial properties as the temperature increases. The test environment, such as humidity and oxygen, affects the sliding behavior of a CMC possessing a carbon interphase. 40, 41 Obviously, such phenomena may depend on temperature. Probably the most documented phenomenon for embrittlement of CMCs is oxidation damage. If the temperature at the interface rises above approximately 200°C, the C-interphase layer may begin to disappear by oxidation to CO or CO 2 (see, e.g., Thomas and Sanches 42 ) . If the temperature at the interface exceeds about 700°C, the SiC fibers may decompose and form SiO 2 at the interface. 42 Since burn-off of the C-layer would reduce the mismatch between the fibers and matrix, it is likely that the interfacial shear stress decreases. On the other hand, the formation of SiO 2 results in strong bonding. 10, 11, 42 It is well known that strong interfacial bonding results in brittle behavior of CMCs. 14, 23, 25, 42 It cannot be ruled out that fatigue failure may be caused by the formation of a strong SiO 2 bond (note that locally at contact points along the fiber/matrix interface, where the frictional energy dissipation takes place, the temperature may be much higher than the surrounding bulk temperature).
V. Conclusions
For the particular material system examined (8-ply unidirectional SiC f /CAS II) and test conditions (room-temperature cycling between max ϭ 240 MPa and min ϭ 10 MPa at 200 Hz) the following were found:
(1) The residual strength of specimens cycled to 10 5 cycles was similar to the tensile strength of virgin specimens. Consequently, measurements of residual strength (e.g., after 10 5 cycles) cannot be used as a predictor of fatigue failure, since the strength decrease seems to take place only shortly before the occurrence of fatigue failure. Also, the retained strength raises doubts about the validity of GLS models, which predict a significant strength reduction if the interfacial shear stress decreases.
(2) The results suggest that frictional interface sliding was hindered within the specimen core, causing brittle fracture in the center of cross sections of the specimens. Fibers fail when the interfacial shear stress becomes so high that fiber/ matrix slip is hindered. The assumed variation of the interfacial shear stress is indicated.
APPENDIX
By the use of a simple micromechanical model can be computed from the hysteresis modulus, E , or the stress-strain data from a monotonic tensile test of precycled specimens. For the latter, the following procedure is used. For a given strain increment from the unloaded state, ⌬ε, the corresponding stress increment, ⌬, is determined. The hysteresis modulus at that stress level is then E ϭ ⌬/⌬. This value is then used in the model. However, different equations are valid for different states of interfacial slip. If the slip length is smaller than s/2 the composite experiences partial slip. Else, the composite experiences full slip. The transition between partial and full slip occurs when the hysteresis modulus is 31 E psϪfs ϭ E c 1 ϩ
where E m is the Young's modulus of the matrix. If E Ͼ E psϪfs the composite is in partial slip, and can be calculated from 29 -31 ϭ E
where E f denotes the Young's modulus of the fiber and r is the fiber radius. If full slip applies (E Ͻ E psϪfs ), then can be calculated from 30, 31 ϭ
When E was determined from the stress-strain data of the residual strength test, the matrix crack spacing, s, recorded after cycling (i.e., before the tensile test) was used, since no additional matrix cracking is assumed to occur as long as the maximum applied stress is below the maximum stress level that was applied during the cycling. 17 
